Using synchrotron x-rays at the Advanced Photon Source (Beamline 12BM, Argonne National Laboratory), Debye-Scherrer diffraction patterns from the oxidizing specimen were recorded every 5 minutes during oxidation and subsequent cooling. The diffraction patterns were analyzed to determine strains in the oxides, as well as phase changes and the degree of texture. To study a specimen's response to stress perturbation, the oxidizing temperature was quickly cooled from 1100 to 950 o C to impose a compressive thermal stress in the scale. This paper describes this new experimental approach and gives examples from oxidized β-NiAl, Fe-20Cr-10Al, Fe-28Al-5Cr and H 2 -annealed Fe-28Al-5Cr (all at. %) alloys to illustrate some current understanding of the development and relaxation of growth stresses in Al 2 O 3 .
Introduction. The existence of a growth stress associated with oxidation has long been envisioned [1] , since most oxides have higher volumes than their corresponding metals. Later, it was proposed that growth stress can arise from oxide formation within the scale as the diffusing cations and anions meet and react, particularly along oxide grain boundaries [2] . Several other mechanisms have also been proposed to explain the origin of growth stresses [3] ; however, actual in-situ measurements of these stresses are scarce. Values are usually deduced from the difference between measured residual stresses at room temperature and the calculated thermal stress based on thermal expansion coefficients (CTE) of the oxide and the alloy. However, this method depends on CTE values, which are often unreliable, cannot properly account for stress relaxations and fails to follow the development of growth stresses with time.
Among the limited experimental efforts to determine the magnitude of oxidation stresses insitu are deflection [4] [5] [6] and x-ray diffraction [7] [8] [9] techniques. The former makes use of an asymmetrical specimen that is long and thin with a protective layer on one side to prevent one face of the specimen from oxidizing. Any stress generated from oxidation of the bare surface, therefore, will cause the specimen to deflect. The direction and degree of deflection give an indication of the sign and magnitude of the growth stress respectively. The technique, however, relies on a protective layer that cannot fully stop oxidation at elevated temperatures. Furthermore, analysis of the stress level is complicated by the visco-elastic response of the alloy at high temperatures [10] . X-ray diffraction, especially the sin 2 ψ method, is a well known and proven method for stress measurements. The challenge is to perform the experiment at elevated temperatures with sufficiently high accuracy and precision and sufficiently fast response time.
In this paper, a novel x-ray technique (a variant of the sin 2 ψ method) is described, where the elliptical distortion of Debye-Scherrer diffraction rings is measured for all accessible ψ angles to obtain the in-plane strain. In-situ measurements were performed with synchrotron radiation at beamline 12BM at the Advanced Photon Source at Argonne National Laboratory. Some results are presented to illustrate a few important issues concerning the development and relaxation of stresses during oxide growth.
Experimental. Fig. 1(a) shows a simple schematic of the experimental setup. The test sample is positioned on a thin alumina shelf, cemented into an open ended horizontal tube furnace. A Type S Pt-Pt(Rh) thermocouple (TC), whose temperature was calibrated by melting a gold foil in the sample position, was placed under the shelf, immediately beneath the sample. The sample surface is usually polished to a 1 µm finish using diamond slurry. During the test, a 21.6 keV xray beam, with a spot size of about 0.1 mm (FWHM) x 1 mm, strikes the sample surface at an incidence angle of 2 to 5°. Half circles of Debye-Sherrer diffraction rings from the sample are recorded using an image plate detector; an example of these half rings is shown in Fig. 1(b) . For precise determination of the x-ray scattering center, and any detector misorientation, a porous, sintered alumina sheet is used as a reference sample. The reference is placed into the x-ray path, using a pneumatic actuator, after the test specimen is lowered. The x-rays penetrate through this thin reference and yield full-circle diffraction spectra ( Fig. 1(c) ) that can be analyzed to obtain the location of the beam centroid to within ± 2 µm. The reference and sample motions are computer driven; typically, a reference spectrum is recorded after five successive sample measurements, each of 5 minutes duration. The technique is a single exposure method, where diffraction rings from all diffracting planes that are accessible in the experimental geometry are recorded. All accessible ψ angles (~ 7-75 o ) are simultaneously acquired for each ring. As shown in Fig. 2(a) , ψ is the angle between the sample normal and the x-ray scattering vector. Since in-plane and out-of-plane d-spacings of diffracting planes in a stressed film are different, the resulting Debye-Scherrer rings are elliptically distorted, as illustrated in Fig. 2(b) . This ellipticity is measured and analyzed to determine the strain in the film. With conventional tilting methods, measurements are typically acquired at only a few ψ angles in the Debye-Scherrer pattern. The ability to obtain data from a Specimens were heated at a linear rate of 1000 o C/hr and oxidized at 1000-1100 o C in ambient air. Sometimes during isothermal oxidation, the temperature would be lowered by 50-150 o C to introduce a thermal stress, such that relaxation of this stress could be followed. After oxidation, the samples were furnace cooled and the stress level during cooling continued to be recorded. Observations of scale morphology were performed using high resolution SEM after the strain tests.
Strain Analysis. To obtain the in-plane strain for a given ring, the entire 3-dimensional diffraction pattern, for that ring is fitted to obtain d ψ , the ψ-dependent d-spacing. For an oxide film under a biaxial stress that is isotropic, experiencing no shear, it can be shown [11] , that
Eq. (1) where d 0 is the unstrained lattice parameter and ε 11 and ε 33 are the in-plane and out-of-plane strain components respectively. We express Eq (1) as (2) and treat A and B as fitting parameters. (A value is assigned to d est , usually a published value of the lattice parameter, although, as we show below, the choice of this value has no influence on the measured in-plane strain.) These are constants for a particular ring and specific value of inplane strain. Thus, in the fitting operation, chosen (trial) values of A and B (and other fitting parameters) are used to calculate d ψ for all measured values of ψ. The calculated d ψ are then used in the diffraction equation
to obtain, for all measured ψ, the term θ ο , the ψ dependent centroid of the diffraction ring. The intensity of the ring, I θ , is given by
Eq. (4) where I b is the background intensity and w and C are, respectively, its Gaussian width and amplitude; f is an experimental parameter formulated to include effects of absorption, x-ray beam polarization and sample texture. The parameters I b, w, C and parameters in the functions f are all ψ dependent.
In the fitting routine [commercial software IGOR, by WaveMetrics, Inc.], A, B, and all additional fitting parameters are iteratively adjusted until convergence is achieved, that is, until no significant improvement in the fit is achievable with additional adjustment of the parameters. From Eqs. (1) and (2), it follows that
Eq. (5) For an elastically homogeneous distribution of crystallites in a biaxially stressed film with no shear (σ 11 = σ 22 , σ 33 = 0 and σ 12 = σ 13 = σ 23 = 0),
Eq. (7) where ν is the Poisson's ratio for the oxide, σ 11 the in-plane stress and Y the Young's modulus for the film [11] . Combining equations (5) - (7), the in-plane strain can be expressed as
For α-Al 2 O 3 , ν = 0.25 [12] and Y = 380 GPa [12] so that ε 11~ 0.6 D. In-plane stress is then obtained from Eq. (6) . For any given sample, multiple lines of the diffraction spectrum are usually analyzed independently to obtain the in-plane strain. The average value is used to obtain σ 11 . Importantly, these independent measurements of ε 11 provide a valuable consistency check on the analysis routine. Note that, in Eq. (2), any error in d est ~ d 0 will appear as a compensating error in A and in (1+B). However, D is expressed as the ratio A/(1+B), and is therefore independent of d 0 .
Results and Discussion Transformation stresses in Al 2 O 3 . When an Al 2 O 3 forming alloy is oxidized, a transition alumina film generally develops first, and it later transforms to the thermally most stable α-Al 2 O 3 . These transition aluminas have been identified to be either the θ [13] [14] [15] [16] or the γ phase [17] [18] [19] . They grow 1-2 orders of magnitude faster than α-Al 2 O 3 [14, 20] , and the growth is dominated by aluminum outward transport [21] . For oxidized nickel-aluminides, transformation to the alpha form starts at the scale/alloy interface as circular patches that spread laterally until a complete layer of α-Al 2 O 3 becomes established at the scale/alloy interface [15] [16] [17] . At this time, the oxidation rate becomes dominated by the slow growth of this alpha layer, which is achieved mainly by anion transport [21] . Eventually, all of the initially formed γ and/or θ aluminas transform to the α phase. A volume contraction of ~5-8% [12] is associated with this transformation, which can put the first-formed α-Al 2 O 3 in tension. are not normalized, so the trend, instead of the magnitude, should be used to indicate the development of different alumina phases in the growing oxide.
It is clear from Fig. 3 that the first-formed scale, which mainly developed during heating, was theta alumina and it was under compression. Using a Young's modulus of 241 GPa [22] , the maximum strain corresponds to a stress level of -193 MPa. α-Al 2 O 3 later developed and the first-formed alpha was in tension, indicating that this α-Al 2 O 3 formed mainly by phase transformation and is under tension due to the volume contraction associated with this transformation. With E=380 GPa, the maximum tensile stress is 418 MPa and is sufficiently high to cause fracture in an aluminum oxide with less than 1 µm grain size [23] .
With oxidation time, the initial compressive strain in θ-Al 2 O 3 and the tensile strain in α-Al 2 O 3 quickly decreased toward zero as the transformation progressed. However, since the tensile state of α-Al 2 O 3 is maintained by surrounding θ-Al 2 O 3 , it must be that, at a sufficiently advanced stage of the transformation, both the θ-Al 2 O 3 and α-Al 2 O 3 will be in tension. That is, the reduced volume of the constrained oxide must eventually leave both phases in tension. This behavior is observed in Fig. 3 . It is also seen in Fig. 3 that a compressive stress builds in α-Al 2 O 3 long after the θ-Al 2 O 3 has transformed (after ~ 2 hrs). This must result from a compressive growth stress associated with the thickening of α-Al 2 O 3 . In order to establish a steady state compressive stress, this compressive growth mechanism must be sufficiently fast to overcome any relaxation, which acts to drive the stress to zero. As shown in the next section, relaxation in α-Al 2 O 3 is significant at 1100 o C. It is also possible that the rate of growth stress generation can change with time, or with scale microstructure.
Results similar to those shown in Fig. 3 have been found on other compositions of β-NiAl [16, 24] at 1100 o C as well as at 1000 o C, except that the transformation rate is much slower at the lower temperature. The tensile stress seen in α-Al 2 O 3 at the early stage of oxidation is of the same level as that reported by Tortorelli et al [9] , and the low level of steady state stress also agrees well with prior reports on the development of growth stresses in α-Al 2 O 3 scales [8, 9] .
The transformation from transition alumina to α-Al 2 O 3 is faster on (Fe,Cr)-based alloys, than on Ni-based alloys, hence the time at which α-Al 2 O 3 is under tension is shorter (and, in some cases, may never become tensile). This rapid transformation behavior is illustrated in Fig. 4 with a Fe-20Cr-10Al alloy and a Fe 3 Al-based alloy containing 5 at% Cr. The transformation was completed within 1 hr even at an oxidation temperature 100 o C lower than that shown in Fig.  3 for NiAl. Although it has been reported that higher aluminum concentration slows down the transformation [25] , our initial results on a Fe-40Al alloy tested at 1000 o C [24] still showed a faster rate than that on Ni-40Al at 1100 o C (see Fig. 5 ). The ease of α-Al 2 O 3 development on Fe and Fe+Cr based alloys is believed to be due to the presence of (Fe,Cr) 2 O 3 that formed during heating, which act as templates for α-Al 2 O 3 nucleation [26] . Corundum type (Fe,Cr) 2 O 3 phases were indeed detected by the x-rays on these alloys. Furthermore, TEM studies have shown that the fine-grained scale that formed during the early stage on a FeCrAl alloy with similar composition as the one tested here [18] and on the Cr-containing Fe 3 Al [27] also contain fine α-Al 2 O 3 crystallites.
Effect of H 2 -anneal. The results in Fig. 4 also show the effect of a hydrogen anneal on the stress development of a Fe 3 Al-based alloy. The heat treatment was done in dry H 2 at 1200 o C for 100 hrs on pieces of the Fe 3 Al alloy to remove non-metallic impurities, especially sulfur [28] . The sulfur content in the alloy after the heat treatment dropped from 28 ppm to 0.4 ppm. Consequently, there was no observable S segregation at the Al 2 O 3 /alloy interface and scale adhesion was significantly improved with an increase of the interface energy by nearly a factor of 20 [28] . The untreated alloy developed scales that were often buckled and spalled extensively upon cooling, but the scale on the H 2 -annealed sample was flat and remained adherent (Fig. 5(a)  and (b) ). The stress evolution at 1000°C, seen in Fig. 4 after the Al 2 O 3 transformation was complete (>1-2 hrs), clearly reflected this morphological difference, indicating that buckling occurred at the oxidation temperature. Since buckling is an effective stress relief mechanism, compressive stresses decreased much faster in the buckled scale than in the flat one. Although the flat scale on the H 2 -annealed sample retained a higher level of compressive stress during oxidation, there was still some degree of stress relaxation with time. This is believed to be due to relaxation processes in the oxide, as will be discussed in the next section. With or without H 2 -anneal, the stress level in α-Al 2 O 3 on the Fe-28Al-5Cr samples quickly turned from ~200 MPa tension in the first hour, due to the transition alumina to α-Al 2 O 3 transformation, to 350-450 MPa compression. The maximum compressive stress in the H 2 -annealed sample was 100-120 MPa lower than that in the untreated alloy. This could be due to a lower growth stress associated with the thickening of the α-Al 2 O 3 or to a slower transformation rate from transition to alpha alumina. In any case, the H 2 -anneal did not sufficiently alter the magnitude of the growth stresses to significantly affect adhesion. The improved adhesion, therefore, must be provided by the cleaner, sulfur-free, interface [28] . Stress relaxation during oxide growth. Of all the examples shown so far, the growth stresses in the first-formed oxide layer are seen to be highly compressive, or tensile if there is a volume reduction associated with phase transformation, but the levels always relaxed to relatively low steady state values between -(150-220) MPa. We believe this steady state level is a result of equilibrium between the stress generation and relaxation processes. For the Crcontaining Fe 3 Al, the relaxation is achieved by scale buckling, as discussed earlier. For the Fe20Cr-10Al, stress relaxation from the maximum initial compression of ~430 MPa is even faster than on the Fe 3 Al alloy, and is believed to be associated with scale wrinkling (Fig. 5(c) ), where the alloy and the scale corrugated together [24] over the entire sample surface. Apparently, this process is even more effective in reducing the compressive stress than local buckling. Of course, there may also be differences in the rate of growth internal to the oxides, which will affect relaxation rates and the steady state stress levels. On the NiAl and the H 2 -annealed Fe 3 Al, although the scales remained flat and adherent, the steady-stage stress level was low and stress relaxation was still observed. To study the rate of stress relaxation on adherent scales, some test samples were first oxidized at 1100 o C for 6-7 hours and then quickly cooled to 950 o C. This temperature drop induces a compressive stress in the scale from the thermal expansion mismatch between the oxide and the alloy. Stress levels in the oxide were continuously followed for 3 to 4 hours at 950°C before returning the temperature to 1100 o C. Figure 6 gives an example of such a test, where the imposed thermal stress is seen to gradually decrease with time at 950 o C.
The strain rates determined from the relaxation seen in Fig. 6 and on other similarly tested samples are given in Table 1 . The fact that strain rates are all close to 1×10 -8 /s regardless of the substrate grain size and thickness indicates that most of the relaxation is achieved in the oxide. Furthermore, since σ m = σ ox (2h ox /h m ), where σ's are the stresses and h's the thicknesses of the metal and the oxide, the maximum stress level in the 3.5 mm Ni-40Al with a scale thickness of 1 µm under the present oxidation condition would only be 0.2 MPa, which is too low to cause any deformation in NiAl [29] . According to a deformation map formulated for 1µm Al 2 O 3 [30] , the strain rate in the range of our applied stresses at 950 o C (box in Fig. 7 ) should be between 10 -7 -10 -8 /s, which agrees fairly well with the rates obtained here. Extrapolations from higher temperature measurements, obtained from deformation studies of fine-grained Al 2 O 3 [31, 32] , give strain rates at 950 o C of about 10 -8 /s, which again agrees well with our results. It therefore seems quite certain that the stress relaxation is achieved by processes that take place in the oxide, probably by diffusional creep. The exact mechanism, however, is not yet clear. The deformation mechanism is usually determined from the stress dependence of the strain rate. In our case, the data can be fitted with a stress exponent of 1 or 2, indicating oxide creep or some degree of grain boundary sliding [33] . Conclusions. In-situ x-ray diffraction measurements, exploiting synchrotron radiation and making use of Debye-Sherrer diffraction rings from a range of ψ angles, between 7-75 o , have been used to follow precisely the growth strains in Al 2 O 3 scales thermally grown on model alloys. When transition aluminas are detectable, volume contraction from the transformation of transition alumina to the alpha form puts the initially formed α-Al 2 O 3 in high tension. This transformation process is accelerated by the presence of (Fe,Cr) 2 O 3 that formed during heating on Fe and Fe+Cr alloys, as these oxides serve as templates that enhance α-Al 2 O 3 nucleation. With this accelerated transformation, tensile stresses may not develop.
The first formed transition aluminas, when observable, appear in high compression, about several hundred MPa, which quickly relaxes within a few hours at the oxidation temperature (1000-1100 o C). Depending on substrate composition, the first α-Al 2 O 3 may be in high tension, or in compression. These stresses relax toward a steady state that is controlled by competing internal growth and relaxation processes that take place in the fine-grained oxide. For some substrate compositions, part of the relaxation can be due to scale decohesion and buckling, as on a Crcontaining Fe 3 Al, or scale wrinkling on Fe-20Cr-10Al, and part due to oxide deformation. H 2 -annealing of the Cr-containing Fe 3 Al alloy greatly reduces the alloy sulfur content and improved scale adhesion, but did not have a large effect on Al 2 O 3 phase transformation or oxide stress development. Scale adhesion, therefore, must be dominated by the interface chemistry.
